Polymer 40 (1999) 315-328

Undirectional fibre-reinforced polymers: analytical morphology approach
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Abstract

An improved self-consistent scheme accounting for the 2D geometric arrangement of fibres within the matrix is proposed to predict the
influence of the reinforcement effect of DGEBA/anhydride matrix by unidirectional raw glass fibres or coated fibres with silicone or
DGEBA/silane coupling agents. This model is based on both (i) an analytical morphology approach underlying the percolation concept
and (ii) the definition of an original ‘representative morphological pattern’ accounting for local phase inversions owing the heterogeneous
morphology of composite materials. It is shown that the nature of fibre sizing can influence the viscoelasticity of composite materials by
inducing variations in morphology and then in the mechanical coupling. This could result from the more or less good wettability of fibres by
the resin during the process. After removing the reinforcement effect through such a theoretical approach, microstructural changes of the
polymer matrix induced by fibres, i.e a decrease in the crosslinking degree of the epoxy network, are quantified but no specific influence of
the nature of the interface can be revealed. © 1998 Elsevier Science Ltd. All rights reserved.
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1. Introduction

It is well-known that mechanical properties of composite
materials are governed by two major factors, (i) the nature
of bonds between fillers and polymer matrix and (ii) the
reinforcement effect of the polymer by fillers [1-13]. How-
ever, there is some difficulty in separating the relative con-
tributions of these key features on the overall mechanical
behaviour of the composite materials. For example, changes
in the main mechanical relaxation related to the glass transi-
tion temperature (7,) of reinforced polymers could result
both from changes in the molecular mobility of polymer
matrix induced by interactions at the polymer/filler inter-
faces and from mechanical coupling effect between phases
[5]. Moreover, the magnitude of the reinforcement effect
depends not only on properties and relative content of
each phase but also on the geometric arrangement of the
dispersed phase within the polymer matrix [8,10-14]. In
addition, for thermosetting resins reinforced by fillers,
changes in the dynamic mechanical properties could also
result from changes in the microstructure of the polymer
because of secondary reactions leading to variations in the
crosslinking degree of the resin [15-18].
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Accordingly, to evaluate the relative contribution of
microstructural changes including interface effects, it is
first required to rigorously predict the reinforcement effect
by accounting for the morphology of composite materials.
Recently, based on the percolation concept [19,20], we have
developed an improved mechanical modelling of the visco-
elastic behaviour of particulate composites to describe the
enhancement of the reinforcement effect of the polymer due
to filler clusters [8].

In this paper, such an approach is extended to quantify the
reinforcement effect of an epoxy resin by glass fibres coated
with model coupling agents by accounting for the morphol-
ogy at meso- and microscales and its evolution with the fibre
content. Thus, this approach was used to predict the follow-
ing elastic and then viscoelastic moduli of these anisotropic
materials, i.e. complex transverse Young’s modulus (Ey),
transverse shear modulus (G1p), plane-strain bulk modulus
(K1), longitudinal Young’s modulus (Ey) and longitudinal
shear modulus (Gj1). Only experimental and theoretical
data related to the complex transverse Young’s modulus
of these anisotropic composites are reported in this paper.

Subsequently, this modelling is applied to remove the
mechanical coupling effect between phases and then to
assess the eventual changes in microstructure of the matrix
including ‘interface effects’.
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2. Experimental
2.1. Materials

2.1.1. Matrix

The epoxy resin and the curing agent used in this study
are a diglycidyl ether of Bisphenol-A (DGEBA) and a
methyl tetra hydrophtalic anhydride (MTHPA), respec-
tively, provided by the CIBA Company (Switzerland).

2.1.2. Unidirectional glass fibres

Unidirectional glass fibres provided by Vetrotex Inter-
national (France) show uniform diameter of 17 um. Volume
fractions of glass fibres precisely determined from the resi-
dues of burned specimens at 600°C are close to 23 and
48 vol.% for each model composite. Two coating agents
were used for surface treatment of glass fibres: (i) a
silane/DGEBA coupling agent based on -y-methacrylo-
oxypropylmethoxysilane (A1100, Union Carbide) and (ii)
an elastomeric adduct based on silicone of low molecular
weight. The amounts of silane/DGEBA and silicone
coupling agents determined on the filler basis by burning
the glass fibres at 600°C for 30 min are 0.6 and 0.2 wt.%,
respectively.

2.1.3. Sample preparation

Unreinforced epoxy material was prepared by curing the
reactive mixture in a mould for 2 h at 100°C, and post-cured
for 2 h and 10 h at 140 and 150°C, respectively. The three
following kinds of composite specimens were processed by
filament winding: epoxy reinforced by (i) raw glass fibres,
(ii) silane/DGEBA-coated glass fibres and (iii) silicone-
coated glass fibres. Impregnated rovings were wound on
the mould and then unidirectional fibre composites were
cured for the same conditions as those used for the non-
reinforced material. To remove the adsorbed water and to
give the same thermal history at each sample, specimens
were annealed at T, + 20°C for 30 min under vacuum and
then cooled at room temperature. Table 1 lists the char-
acteristics of the composites used in this study and gives
the effective fibre contents determined from the residues

Table 1
Characteristics of composite materials used in this study

of burned samples. As it is shown, the void content evalu-
ated by density measurements is negligible in all the
materials.

2.2. Test procedures

2.2.1. Differential scanning calorimetry (d.s.c.)

D.s.c. measurements were performed using a Perkin
Elmer DSC7. The glass transition temperature (T,) was
determined from the change in the heat capacity baseline
for a heating rate of 20°C/min.

2.2.2. Dynamic mechanical spectrometry

Dynamic mechanical spectrometry was performed on
unreinforced epoxy and composite materials by using a
Metravib viscoanalyser. Composite samples were tested in
tension—compression transversely to the fibre axis. This
set-up provides the real (E'y) and imaginary (E"1) parts of
the complex transverse Young’s modulus and the internal
friction tan 0z (= E"1/E’r) as functions of temperature (for
one or several frequencies) or of frequency (under isothermal
conditions). Parallelepipedic specimens (20 X 3 X 3 mm)
were placed in a thermal jacket and temperature scans were
carried out by increasing the temperature from 30 to 200°C
with a heating rate of about 1°C/min. Spectra were also
recorded under isothermal conditions in the Tg region for
several frequencies over the range from 5 to 30 Hz. Complex
Young’s modulus (Ej,) of the unfilled epoxy network was
analyzed in the same experimental conditions.

2.2.3. Scanning electron microscopy (s.e.m.) and image
analysis

S.e.m. observations were performed on cross-sectional
area of carefully polished and metallized samples by using
a CAMBRIDGE Instrument StereoScan 120 scanning elec-
tron microscope.

S.e.m. micrographs were digitalized by an image analyser
constitued by a video camera PULNIX connected to a com-
puter through a CYCLOP 2-1 card (DIGITAL VISION
Co.). Images were then processed by means of a software
developed by the ‘Reconnaissance des Formes et Visions’
Laboratory (INSA-Lyon, France).

Composite materials

Fibre content Effective fibre content Void content

(vol.%) (vol.%) (vol.%)

DGEBA/anhydride matrix refinforced by raw glass fibre 20 23 < 1.0
50 48 < 0.8

DGEBA/anhydride matrix reinforced by silicone-coated glass fibres 20 21 < 1.1
50 43 < 0.8

DGEBA/andhydride matrix reinforced by silane/DGEBA-coated glass fibers 50 45 < 1.1
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Fig. 1. Evolution of Ty versus the fibre content for epoxy matrix reinforced
by (©) raw glass fibres, (O) silicone-coated glass fibres and (A) DGEBA/
silane-coated glass fibres. Data for unreinforced epoxy resin (@).

3. Experimental results
3.1. D.s.c. measurements

Fig. 1 shows the evolution of the glass transition tempera-
ture (T,) versus the volume fraction of glass fibres. With
increasing the filler content, T, of composite materials is
linearly shifted towards the lower temperatures, regardless
of the nature of the fibre surface treatment. Such a decrease
in Tg also observed by other authors [15,16] for composite
materials based on the same kind of epoxy matrix, i.e.
DGEBA/anhydride resin, could result from a decrease in
the crosslinking degree of the epoxy network [15-18]. As
a matter of fact, water molecules bound to the glass fibre
surfaces could induce (i) hydrolysis reactions of the anhy-
dride groups and (ii) secondary reversible condensation/
esterification reactions, both resulting in a reduced tightness
of the network.

3.2. Dynamic mechanical spectrometry

Fig. 2 shows E’ (1) and tan §g,, spectra recorded at 5 Hz in
the temperature range from 100 to 200°C for unreinforced
epoxy network and composite materials exhibiting the high-
est content of glass fibres, i.e. close to 45 vol.%. In Table 2
are reported values of the following viscoelastic character-
istics: (i) the temperature location of the main relaxation
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Fig. 2. Experimental variations of E' 1 (a) and tan g (b) versus temperature
at 5 Hz for composites reinforced by (<) 48 vol.% of raw glass fibres, (O)
43 vol.% of silicone-coated glass fibres and (A) 45 vol.% of DGEBA/
silane-coated glass fibres. Data for unreinforced epoxy network (@).

related to T, (Ta), (ii) the height of the tané peak
(tan 6,,,) and (iii) the glassy (E’,) and rubbery (Ed.)
moduli, displayed by all the materials.

The analysis of data leads to the following observations:

1. the main relaxation displayed by composite materials is
shifted towards the lower temperatures, regardless of the
nature of the interface;

2. both the decrease in the height of the main relaxation and
the increase in the moduli displayed by composite mate-
rials are mainly governed by the filler content and no
significant influence of the fibre sizing can be detected.

Table 2

Characteristic issues from dynamic mechanical analysis at 5 Hz of unreinforced epoxy and composite materials

Materials Fibre content Ta tan & max E', E'.
(vol.%) °C) (GPa) (MPa)

Unreinforced epoxy 0 161 =1 0.97 23+04 315

Epoxy reinforced by raw glass fibres 23 159 = 1 0.76 52+08 94 * 15

48 156 £ 1 0.57 92 270 = 40
Epoxy reinforced by silicone-coated glass fibres 43 158 = 1 0.64 7x2 190 = 30
Epoxy reinforced by silane/DGEBA-coated glass fibres 45 1571 0.60 8§+2 280 *+ 40
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Accordingly, modifications of the viscoelasticity of
epoxy matrices induced by fibres can be interpreted as fol-
lows. The shift of T« towards the lower temperatures dis-
played by all the composite materials could indicate an
increase in the molecular mobility of the polymer matrix
near T, and then a change in the microstructure of the epoxy
network induced by fibres. Such an evolution agrees with
conclusions derived from d.s.c analysis and no specific
influence of the nature of the polymer/fibre interface is
detected. The decrease in the damping factor exhibited by
composite materials, usually observed, regardless of kind of
polymer matrix or the nature of the interface, could mainly
result from the reinforcement effect of the epoxy network by
fillers. As such, a strong reinforcement effect of the polymer
matrix is also observed for low volume fractions of fibres, it
could be suggested that composite materials show particular
geometric arrangement of fibres within the polymer matrix
leading to an enhancement of the mechanical coupling
between phases. Morphology analysis is then required to
confirm such an hypothesis. Moreover, the increase in the
moduli observed for composite materials can be related, to a
first approximation, to the reinforcement effect of the poly-
mer matrix by fillers. Then, it is of interest to separate the
relative contribution of mechanical coupling effect from
that due to microstructural changes of epoxy matrix on the
overall viscoleasticity of composites materials. This
requires the development of a micromechanical modelling
based on a quantitative morphology analysis of composite
materials to predict the sole reinforcement effect of the
epoxy network by fibres and subsequently to describe the
actual viscoelasticity of epoxy matrices.

3.3. S.e.m. observations and image analysis

Because unidirectional composite materials used in this
study were processed by filament winding, they exhibit a
very heterogeneous morphology for low fibre content,
regardless of the nature of the fibre sizing. For example,
Fig. 3a shows the 2D geometric arrangement of fibres for
composite reinforced by 23 vol.% of raw glass fibres. It can
be observed that fibres are packed into bundles embedded
within the polymer showing connectivity at the sample
scale. Moreover, as shown in Fig. 3b, these mesostructures
are limited on their outers by connected glass fibres. Then,
the polymer entrapped within these dense glass fibre zones
shows no connectivity with the matrix surrounding the fibre
bundles and it can be defined as nonpercolated.

Fig. 4 shows the morphology of composites reinforced by
(a) 48 vol.% of raw fibres, (b) 43 vol.% of silicone-coated
fibres and (c) 45 vol.% of silane-coated fibres. Some differ-
ences in the morphology at micro- and mesoscales can be
observed between these composite materials. Thus, the
epoxy reinforced by raw glass fibres shows some dense
zones of fillers randomly distributed within the polymer
matrix but original fibre bundles are no more well-identified
(Fig. 4a). In contrast, for the composite reinforced by

(b)

Fig. 3. (a) S.e.m. observations of 2D geometric arrangement of fillers in
composite reinforced by 23 vol.% of raw glass fibres. (b) Digital image of a
fibre bundle limited by connected glass fibres (——).

silicone-coated glass fibres, mesostructures can still be dis-
tinguished. At the microscale, morphology of such compo-
sites is also characterized by some variations in the mean
fibre spacing. The composite reinforced by high content of
silane/DGEBA-coated glass fibres also shows some fibre
clusters which are randomly distributed. In addition, mean
diameter of these fibre clusters seem to be smaller than that
exhibited by the composite reinforced by silicone-coated
glass fibres.

Accordingly, for low as for high volume fractions of
fibres, composite materials exhibit heterogeneous morphol-
ogy at meso- and microscales characterized by the presence
of fibre clusters of which both size and topology seem to be
governed by the nature of the filler sizing. Subsequently,
this yields to a variable part of the nonpercolated polymer.

Digital image analysis could provide accurate character-
ization of the 2D geometric arrangement of fibres within the
polymer matrix at different scales. Thus, the statistical
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Fig. 4. S.e.m. obsevations of 2D geometric arrangement of fillers in com-
posites showing (a) 48 vol.% of raw glass fibres, (b) 43 vol.% of silicone-
coated glass fibres and (c) 45 vol.% of DGEBA/silane-coated glass fibres.

analysis of the nearest-neighbour distance is used to
evaluate the uniformity of the local filler distribution [21].
Moreover, the determination of the contents of the perco-
lated and nonpercolated polymer provides information on
the mesostructure of such composite materials.
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Fig. 5. Variation of the £ parameter versus the fluctuation factor
(odppv/W) for composites reinforced by (&) 48 vol.% of raw glass fibres,
(O) 43 vol.% of silicone-coated glass fibres and (A) 45 vol.% of DGEBA/
silane-coated glass fibres.

From the statistical distribution of the nearest-neighbour
distance, the four following parameters are determined: (i)
the average fibre spacing, dppv, (ii) the standard deviation,
O (iil) the fluctuation factor, 100-(d,,,,/dppv) and (iv)

the £ parameter defined by E=dppv~(l/dppv) where

(l/dppv) is the reciprocal nearest neighboring distance.
The fluctuation factor is all the greater as the dispersion
quality of fillers is lower. The £ parameter is equal to 1
for a perfect dispersion of fillers. Higher values of such a
parameter reflects the presence of filler strings. Fig. 5 shows
the evolution of the £ parameter versus the fluctuation factor
for composite materials reinforced by the highest contents
of fibres. For each material, reported mean values are cal-
culated from the analysis of six images. The epoxy rein-
forced by silicone-coated glass fibres is characterized by a
high value of the fluctuation factor accompanied by a strong
tendancy to fibre cluster formation. This could result from
the weak wettability of silicone-coated fibres by the
DGEBA/anhydride polymer. In contrast, the composite
reinforced by silane-coated glass fibres exhibits a more
homogeneous distribution of fibres characterized by a
decrease in both the fluctuation factor and the ¢ parameter.
This could be due to the good miscibility between the cou-
pling agent based on DGEBA prepolymer and the epoxy
resin.

The evaluation of the content of nonpercolated polymer is
performed by using a simple mathematical morphology ana-
lysis [22]. An iterative algorithm of digital image closings
and openings allows one to distinguish between percolated
and nonpercolated polymer in 2D. The mean data tabulated
in Table 3 are from the analysis of six images for each
sample. A morphological parameter, x, accounting for
entrapped polymer can be defined as follows:

v;l_'v;m
Vi
where Vy, Vi, and Vi (= 1 — V) are the volume fractions

of the overall polymer, of the percolated matrix and of
fibres, respectively.

= M
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Table 3

Mean volume fractions and standard deviations of fibre, percolated matrix and nonpercolated polymer determined from image analysis

Materials Fibre content Content of percolated Content of nonpercolated
polymer polymer
(vol.%) (vol.%)
Epoxy reinforced by raw glass fibres 235 53+ 8 23+3
48 + 1 31+4 213
Epoxy refinforced by silicone-coated glass fibres 43 *1 36+4 233
Epoxy reinforced by silane/DGEBA-coated glass fibres 45+ 1 33+3 232

For low volume fractions of fillers, the morphological
parameter can be related to the average spread of original
strands as follows:

V,
mbundle (2)

X=Xo= v

where V pudie is the volume fraction of entrapped polymer
within the fibre bundles.

Thus, x value is found to be ~1 for the composite rein-
forced by 23 vol.% of raw glass fibres and it tends to be
decreased for the composite showing the lowest volume
fraction of silicone-coated glass fibres. This could result
from the poor compatibility between the silicone agent
and the epoxy resin which could lead to a reducing in the
roving impregnation during the process. By increasing the
fibre content, x is decreased but no specific influence of fibre
sizing can be detected.

Thereby, for low as for high volume fractions of fibres, it
can be concluded that composite materials exhibit some local
phase inversions at the mesoscale and a part of the polymer
matrix can be entrapped within the clusters of fillers.

4. Analytical morphology approach

Based on the percolation theory [19,20], it is now of
interest to determine the theoretical evolution of the volume
fraction of ‘effective’ matrix which actually contributes to
the viscoelastic behaviour of the composite, i.e. the volume
fraction of percolated matrix versus the content of polymer
by accounting for experimental morphology analysis.

For strand contents ranging from 0 to the percolation
threshold of fibre bundles, V. punae, the volume fraction of
percolated matrix, Vi, can be expressed by the following
relationship:

Vmp = Vi — Vimbundie = Vim + Xo(Vin — 1) 3

By increasing the volume fraction of strands from the
percolation threshold, V g,a.e, Of these entities assumed to
be disks in 2D, these mesostructures are progressively
connected at the sample scale and tend to loose their
identities. Then, a progressive evolution of the morphology
of the composite occurs from a ‘fibre bundle structure’ to a

‘random fibre structure’ (Fig. 3). At V pudre, the correspond-
ing critical polymer content, V., can be expressed by:

V. = 1+ EO B Vcbundle
cm 1+X0

In 2D, the percolation threshold of disks can theoretically
vary from 0.5 (triangular lattice) to 0.7 (hexagonal lattice)
[19-23]. Because fibre bundles are randomly distributed
within the polymer matrix, we have chosen V g = 0.5
for numerical simulation.

Then, for V, < V4, the volume fraction of percolated
matrix obeys the percolation law. According to the follow-
ing boundary conditions:

@

1. at the maximum packing fraction of fibres, Vyy,,, theore-
tically calculated and equal to 1r/\/§ = (91 in 2D, a
macroscopic phase inversion occurs and Vp, = 0 for
Vi = Vimin With Vi = 1 — Vi = 0.09, and,

2. at the percolation threshold of fibre bundles and then for
Van = Ve the volume fraction of percolated matrix
obeys both Eq. (3) and the percolation law [19,20], the
volume fraction of percolated matrix can be expressed by
the following relationship:

xo(1 — ch)) [ Var = Voo ]”
ch

where, the critical exponent 8 is 0.14 in 2D lattice [19,20].

Viap = Vin (1 - (5)

ch - men

Fig. 6 shows the theoretical variations of the volume
fraction of percolated matrix versus the overall amount of
polymer computed for the following values of the morpho-
logical parameter, x¢: (a) 1.2, (b) 1.0 and (c) 0.8. Experi-
mental data from morphology analysis are also shown for
comparison. The transition between regions I and I can be
related to the beginning of the morphology evolution from a
‘fibre bundle structure’ towards a ‘randomly fibre structure’
and can be also expressed by the evolution of x = V).
Moreover, with increasing x,, the analytical approach
predicts a weak but significant decrease in the content of
percolated matrix which could traduce a better impreg-
nation of strands by the resin leading to an increase in
the entrapped polymer within original fibre bundles.
Moreover, the decrease in xo yields to a shift of the
morphological transition towards the higher contents of
fibres (or the lower amounts of polymer). This could
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Fig. 6. Theoretical variations of the volume fraction of the percolated polymer, V., versus the overall amount of polymer, V, by taking the morphological
parameter X equal to (bottom line) 1.2, (middle line) 1.0 and (top line) 0.8. Experimental issues from quantative image analysis for composites reinforced by
(©) raw glass fibres, (O) silicone-coated glass fibres and (A) DGEBA/silane-coated glass fibres.

explain why original fibre bundles remain rather well-
defined in composite reinforced by 43 vol.% of silicone-
coated glass fibres.

Now, based on such an analytical morphology approach,
it is proposed to rigorously predict the reinforcement effect
of the epoxy network by glass fibres by accounting for the
morphology evolution over a wide range of (i) fibre contents
and (ii) temperatures (or frequencies).

5. Modelling of the reinforcement effect

The prediction of the reinforcement effect of composites
by a self consistent scheme first requires the definition of a
‘representative morphological pattern’ (RMP) characteristic
of the material morphology and its evolution with increasing
the fibre content. Thus, to account for local phase inversions
owing to fibre clusters, the ‘RMP’ consists of a three-
layered cylindrical inclusion in which phase 1 constitutes
a cylinder of nonpercolated matrix with the radius R;, phase
2 is the fibre phase limited by the cylinders with the radii R,
and R, and phase 3, the percolated matrix lying outside the
fibre shell, is limited by the radii R, and R; (Fig. 7). Ratios
of radii are defined by:

R, R R Ry
——=5=1-V,, 1 - =S=Vy,and =V, -V,
R} R} " R~ ™ T Rz Mo

(6)

where, according to the polymer content, Vy,, the volume
fraction of percolated matrix, Vy,, is given by:

1. Eq. (3) for V., = V,, < 1 (region I of Fig. 6); and by
2. Eq. (5) for Vypin < Vi = Vi (region II of Fig. 6)

For the maximum packing fraction of fibres, i.e. for V, =
Vmmin and Vi, = 0, the RMP is reduced to a two-layered

N

Fig. 7. The ‘representative morphological pattern’: a three-layered cylind-
rical inclusion embedded in the homogeneous medium. Phase 1 is the
nonpercolated polymer, phase 2 is the filler shell and phase 3 is the perco-
lated matrix.
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Fig. 8. Plots of theoretical (——) glassy modulus at 30°C, E'y, (a) from our model by taking x, equal to 1.0 (curves for other x, values are almost
superimposed), (b) from Christensen and Lo’s model and (c) from Halpin-Tsai’s equation. Experimental data for composites reinforced by (<) raw, (O)

silicone-coated and (A) silane/DGEBA-coated glass fibres.

cylindrical inclusion, i.e. R; = R,. Thus, a macroscopic
phase inversion occurs and fillers act as the continuous
phase. This illustrates the self-consistency of the proposed
approach.

Accordingly, elastic properties of the UD fibre compo-
sites can be predicted by a (4)-phases self consistent scheme
derived from the model developed by Hervé and Zaoui [24]
and extended to describe the viscoelastic behaviour by
applying the correspondence principle [25]. Thus, the com-
plex transverse Young’s modulus of UD fibre composites,
ET, can be expressed by the following relationship:
= )

*2
where G1r and K7 are the complex transverse shear and the
plane-strain bulk moduli, respectively. Ej and njy are the
complex longitudinal Young’s modulus and Poisson’s ratio,
respectively. Detailed calculus of such parameters are given
in Appendix A.

In the first step, it is proposed to predict the theoretical
reinforcement effect of the epoxy by fibres. Thus, for
numerical simulation:

1. glass fibres show an elastic behaviour over the analyzed
temperature range. Young’s modulus (£y) and Poisson’s
ratio (vg) of fibres are constant and equal to 73 GPa and
0.2, respectively;

2. viscoelastic properties of the polymer, i.e. both perco-
lated and nonpercolated epoxy, are taken to be identical
to those displayed by the unfilled polymer in order to
give only evidence for the theoretical influence of the

geometric arrangement of fibres on the viscoelasticy of
such composites;

3. to account for the glassy-rubbery transition undergone by
the polymer through the glass transition, an S-shape
variation of the real part of the Poisson’s ratio of the
matrix is assumed from 0.33 to about 0.5 at T > T, 8].

The influence of the geometric characteristics of the com-
posite morphology on the viscoelastic properties of the
material can be, therefore, assessed by modelling the com-
plex transverse Young’s modulus of the composite materials
over a wide range of volume fractions of fibres. Fig. 8 shows
the evolution of theoretical E' at 5 Hz and at 30°C versus
the fibre content by taking the value of the morphological
parameter, xg, equal to 1.0 (a). Numerical simulations com-
puted with the other values of the morphological parameter,
i.e. 0.8 and 1.2, do not lead to significant changes in the
evolution of predicted glassy E’1 versus the fibre content
and the so-computed curves are almost superimposed. Also
in Fig. 8 are shown theoretical issues from Christensen and
Lo’s self consistent scheme [26] (b) and from the Halpin-
Tsai’s equation [27] (c), which both do not account for the
mesostructure of composite materials. A good agreement can
be observed between experimental and theoretical data from
both our model and the Halpin-Tsai’s equation. As a matter of
fact, issues from the improved model and Halpin-Tsai’s
approach are almost superimposed over the fibre content rang-
ing from O to about 0.9. In contrast, Christensen and Lo’s
model tends to underestimate the reinforcement effect of the
polymer matrix by fibres regardless of the fibre content.

To better illustrate the validity of the improved model and
then to give evidence of the influence of the morphology on
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Fig. 9. Plots of theoretical normalized tan 8 maximum, tan &y, at 5 Hz versus the fibre content, (a) from our model by taking x o equal to (bottom line) 1.2, (2nd
line up) 1.0 and (3rd line up) 0.8, (b) from Christensen and Lo’ self consistent scheme and, (c) from Halpin-Tsai’s equation. Experimental data for composites
reinforced by (<) raw, (O) silicone-coated and (A) silane/DGEBA-coated glass fibres. Experimental data (A) from Lagache’s work [28] for silane-coated glass

fibres.

micromechanical properties of unidirectional composite
materials, it is of interest to compare experimental normal-
ized tandg, ~maximum (tan oy = (tan 6z maximum)/
(tan &pyixmaximumy)) to predict issues from our approach
and other models. As a matter of fact, tan 6 maximum is a
very sensitive parameter to evaluate the magnitude of the
mechanical coupling between phases.

Fig. 9a shows theoretical variations of tan 6y versus the
volume fraction of fibres for the three following values of
Xo: 0.8, 1.0 and 1.2. Also are shown experimental data from
Lagache’s work [28] dealing with epoxy reinforced by
silane-coated glass fibres and issues from the Christensen
and Lo model (b) and the Halpin-Tsai equation (c). These
models both tend to overestimate the maximum damping
value over the analyzed filler content. In contrast, the strong
decrease in the damping factor shown by composite materi-
als even for low fibre contents is well predicted by our
model, regardless of the nature of the fibre sizing. Moreover,
for fibre contents ranging from O to about 0.7, tan éy is all
the greater as x, value is smaller. By taking xo = 0.8, 1.0
and 1.2, predicted tan dy are close to experimental data for
composites showing silicone-coated, raw and silane/
DGEBA-coated glass fibres, respectively. Then, the weak
but significant variations in the maximum damping factor
observed for composites according to the nature of interface
could originate from changes in the morphology which are
governed by the compatibility between the coating agent
and the polymer matrix.

Now, it is of interest to compare theoretical viscoelastic
spectra with experimental ones over the analyzed tempera-
ture range. For example, experimental and theoretical
values of E'r and tan 6z versus the temperature at 5 Hz
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Fig. 10. Theoretical evolutions ( ) of E'y (a) and tan 8 (b) versus
temperature at 5 Hz for the composite reinforced by 23 vol.% of raw glass
fibres by taking xp equal to 1.0. Experimental spectra of ((J) the composite
and of (@) the unreinforced epoxy.
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Fig. 11. Theoretical evolutions (——) of E'r (a) and tan ég_ (b) versus

temperature at 5 Hz for the composite reinforced by 48 vol.% of raw glass
fibres by taking x, equal to 1.0. Experimental spectra displayed by (OJ) the
composite and by (@) the unreinforced epoxy.

of epoxy polymer reinforced by 23 and 48 vol.% of raw
glass fibres are presented in Figs 10 and 11. Theoretical
data were computed by taking x¢ = 1.0.

As it was previously underlined, it can be observed that
the model predicts well (i) the real part of the transverse
glassy modulus and (ii) the magnitude of the main relaxa-
tion of composite materials. Moreover, as it was expected,
the model (i) overestimates the rubbery modulus and (ii)
does not give evidence for the shift of the relaxation towards
the lower temperatures. As a matter of fact, both changes
result from a decrease in the crosslinking degree of the
epoxy network as it is suggested from d.s.c. analysis. Com-
parison between experimental and theoretical spectra for all
the other composites leads to the same conclusions. Accord-
ingly, the actual viscoelastic behaviour of the epoxy net-
work in composite materials can be derived through the
inversion of the modelling in which the viscoelastic proper-
ties of the ‘modified’ matrix (E},) are now the unknown
parameters to be assessed. For example, Fig. 12 shows the-
oretical variations of E’ ;; and tan 6 versus the temperature
at SHz of the so-called ‘modified” DGEBA/anhydride
matrices in composites showing 23 and 48 vol.% of raw
glass fibres. Experimental data displayed by the unfilled
epoxy are also shown for comparison. The glassy moduli
of the ‘modified” epoxy matrices are very close to that of the
unfilled polymer. But, actual epoxy matrices in composites
exhibit a significant decrease in the rubbery modulus

accompanied by a weak increase in the tan 6 maximum.
Moreover, such changes in the viscoelasticity of epoxy
matrix in composites are found to depend on the amount
of fibres, i.e. with increasing the volume fraction of fibres,
the rubbery modulus decreases while the damping factor
maximum tends to increase. Accordingly, the so-revealed
changes in the viscoelasticity of the epoxy matrix induced
by fillers are consistent with d.s.c. analysis, i.e. a decrease in
the crosslinking degree of the DGEBA/anhydride network,
whatever the fibre sizing can be.

6. Microstructural changes of epoxy network induced by
fibres

To quantify the changes in the microstructure of epoxy
matrix induced by fibres, the main relaxations of the sepa-
rated matrices are described by means of a physical model
for the deformation of amorphous polymer [29] yet applied
by the authors to evaluate microstructural changes of the
polymer matrix in particulate composites [S]. Through
such an approach, the complex Young’s modulus of the
modified epoxy matrix can be expressed by the following
biparabolic equation:

Eu - Er
1 4+ H(iwry) ™" + (iw7y) ~*

E = E + ¥)
where w is the pulsation, and E, and E, are the unrelaxed and
the relaxed moduli, respectively. 7, is the relaxation time.
The parameter & (0 < k < 1) is consistent with the local
motion ability of the chains. Then, k decreases with the
material density. The parameter 4 (0 < h <1) is related to
the magnitude of the correlation effects of cooperative
molecular motions near ;. Then, the increase in the num-
ber junction points, as for example chemical ties which
hinder the molecular mobility at a large scale, results in a
decrease of h. H is a function of 4, k and E,.

To determine values of such parameters, E” is plotted
versus E' through a computational method developed
elsewhere [5], for all the ‘modified’ matrices. The k and A
values are obtained from the slopes of tangents to the
‘Cole—Cole’ diagrams at lower and higher temperatures,
respectively. E, and E; values correspond to the intersection
points of ‘Cole—Cole’ diagram with the E’ axis at lower and
higher temperatures, respectively.

Characteristics determined from the ‘Cole—Cole’ dia-
grams and theoretical Toe locations for the all polymer
matrices within the composite materials are reported in
Table 4. Thus, by increasing the fibre content, the main
relaxation is shifted towards the lower temperatures and
E, is decreased while h parameter tends to increase. But,
no significant changes in k£ and E, values are detected. The
changes revealed in the microstructure of the polymer
matrices agree with the conclusions from the previous ana-
lysis. As a matter of fact, the shift of the main relaxation
displayed by actual matrices in composites is consistent
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Fig. 12. Plots of E', (a) and tan 8z, (b) versus temperature at 5 Hz for actual polymer matrix in composites showing (
glass fibres. Experimental data for the unreinforced epoxy (@).

) 23 and (——) 48 vol.% of raw

Table 4

Characteristics values determined for matrices in composite materials. Also given are data for the unreinfored eoxy network

Actual epoxy matrices Fibre k h tan & pax Ta E', E'.

reinforced by content °C) (GPa) (MPa)

raw glass fibres 23 0.26 0.74 1.04 159 £ 1 22+ 04 19+4
48 0.27 0.77 1.08 156 * 1 20+ 04 8§+1

silicone-coated glass fibres 43 0.26 0.76 1.06 157 £ 1 1.8 +03 7*1

DGEBA/silane-coated glass fibres 45 0.27 0.77 1.06 158 £ 1 17203 7Tx1

Unreinforced epoxy 0 0.24 0.73 0.97 161 = 1 2304 315
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with an improvement in the molecular motion ability of the
epoxy network. The increase in A accompanied by a
decrease in E, for actual matrices could produce an increase
in the mean molecular weight between two successive junc-
tion points leading to a decrease in both the rubbery
modulus and the magnitude of correlation effects in coop-
erative molecular motions. Moreover, the magnitude of
such microstructural changes of the polymer seems to
only depend on the filler content and not the nature of the
fibre sizing. Accordingly, for the composite reinforced by
silane-coated fibres, it could be concluded that (i) inter-
actions at the polymer/coated fibres interface do not signifi-
cantly reduce the molecular motion ability at a large scale or
(ii) the induced effects by interactions at the polymer/fibres
interface could be strongly counterbalanced by the strong
decrease in the tightness of the epoxy network.

7. Conclusion

A theoretical approach based on the percolation concept
is proposed to predict the reinforcement effect of DGEBA/
anhydride network by undirectional raw or coated glass
fibres over a wide range of (i) fillers and (ii) temperatures
(or frequencies) and, subsequently, to quantify the micro-
structural changes of the polymer matrix induced by fibres.

Dynamic mechanical spectrometry analysis performed on
composite materials in tension-compression mode transver-
sely to the fibre axis gives evidence for both a strong
decrease in the damping factor and an increase in the real
part of the complex transverse Young’s modulus accompa-
nied by a shift of the main relaxation towards the lower
temperatures with increasing the filler content. In agreement
with d.s.c. analysis near T, the To shift could result from an
increase in the molecular motion ability due to secondary
reactions between epoxy resin and water molecules bound
to the fillers. The strong decrease in the damping factor even
observed for the lowest fibre contents is attributed to
enhanced mechanical coupling effects between phases
because of heterogeneous morphology of composite
materials. Such an hypothesis is confirmed by 2D image
analysis showing more or less homogeneous distribution
of fibres within the polymer matrix according to the fibre
sizing and content. Thus, epoxy reinforced by the lowest
fibre contents exhibit mesostructures constitued of fibre
bundles within which a part of the polymer is entrapped.
For the composites reinforced by the highest filler contents,
some fibre clusters are randomly distributed and also result
in local phase inversions. Significant changes in the 2D fibre
distribution of fibres can be detected according to the nature
of the sizing. Thus, the composite reinforced by fibres
coated with the silane/DGEBA coupling agent shows the
more homogeneous 2D arrangement of fillers. To assess
the ‘effective’ volume fraction of polymer which really con-
tributes to the viscoelasticity of composites, i.e. the content
of percolated polymer, over a wide range of fibre content, an

analytical morphology approach is developed based on the
percolation concept. A good agreement is found between
theory and experimental data from the quantitative image
analysis. An improved self-consistent scheme is proposed to
predict the reinforcement effect of the epoxy matrix by
fibres accounting for the spatial distribution of fibres and
its evolution with increasing the filler content. It is based on
the definition of one ‘representative morphological pattern’
constituted of a three-layered cylindrical inclusion, i.e. the
nonpercolated polymer entrapped within dense zones of
fibres embedded in the percolated matrix. Such a model
predicts well the strong reinforcement effect of the polymer
matrix by fibres, i.e. both the increase in the modulus and
the decrease in the damping factor displayed by composite
materials, for high as for low volume fractions of fillers.
Subsequently, to assess the actual viscoelastic behaviour
of polymer matrix in composites, the model is applied to
remove the reinforcement effect induced by fillers. Quanti-
tative microstructural analysis of separated matrices by a
physical approach gives evidence for an increase in the
molecular mobility consistent with a decrease in the cross-
linking degree of the epoxy network in composites. The
magnitude of such a microstructural change of the epoxy
matrix depends on the fibre content and no specific influence
of the nature of the fibre sizing has been detected.

Appendix
The complex transverse Young’s modulus of UD fibre
composites, ET, is given by the following relationship:

* 2
Er

2
2 + 1 + 2y
2K7 2Gy, E;

Accordingly, the determination of the following elastic and
then viscoelastic parameters of unidirectional fibre compo-
sites are required: Grr: the transverse shear modulus; Kq:
the plane-strain bulk modulus; E| : the longitudinal Young’s
modulus; Gy the longitudinal shear modulus; and vy 1: the
longitudinal Poisson’s ratio.

The transverse shear modulus, G, is predicted by a (4)-
phase self-consistent scheme derived from Herve and
Zaoui’s model [24]. The other mechanical parameters, K,
E;, Grt and vy 1 are derived from the composite cylinder
assemblage (CCA) approach developed by Hashin and
Rosen [30] and generalised to the prediction of the elastic
constants of an n-layered cylindrical inclusion [24].

Thus, the final solution for the complex shear modulus,
Grr, is given by the solution of the following quadratic
equation:

2 ok
A(GTT> +ZB(GIT) +C=0
Gmp Gmp

where subscript mp refers to the percolated matrix and
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con'stants A, B and C are defined by the following relationships:
A= (= 4,)Zu +Z3) = B3~ 40, Zi3 + Zip + Zi — 3213 — 321y

B=(2v, — 1)(Zs1 +Z32) — B —4v)Z13 — (Zyp + Zy3 — 3Z13 — 3Z)3)

C=Zyp+2Zy3—-323-3Z1y— Zn+2Zsy+Z13)
and
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043 _Q(" ) Qn ) QBVZ )Q(” )
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withie[l,n—1] and g, =1
TT i+1

where o and 8 & [1,4].
The mechanical parameters K1, E1, G and npt are determined through a recursive algorithm. Then, it yields to:

e _ KPEE D 4+ Gy (R — Ry )+ Kp- VKD + Gip-R,
' (KT 1 GID-(R — B2 )+ (P + GID-RE

Gir " _ Gia(R —Ri_ )+ Gir "~ "(Ry_ 1 +RY)
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1
2 2 HR( o)
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where the exponent HR and subscript n refer to the
superimposed bounds of Hashin and Rosen and to the
different layers of the composite cylinder, respectively.
Effective moduli of the n-layered composite cylinder are

equivalent to the Hashin-Rosen bounds:
KT=K¥R ™, GLT=G£{¥("), etc. Finally, complex moduli

are determined by applying the correspondence principle.
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